Metallic multilayered films and their mechanical properties have become a hot research topic over the past decades because of their promising technological applications and fundamental scientific importance[@b1][@b2][@b3][@b4][@b5]. To date, much effort has been devoted to unveil potential mechanisms related to the excellent mechanical performance of the multilayered films. Among these films, copper-nickel (CuNi) films have captured a great deal of attentions due to their small lattice mismatch and excellent properties[@b6][@b7][@b8], and the embedded interfaces are thought to be one of the most important factors affecting the properties. It has been conjectured that incoherent interfaces may act as strong barriers to restrain dislocations from transmitting across the interfaces[@b9] and also confine dislocations within each layer[@b10][@b11][@b12]. By using a high-resolution transmission electron microscopy, nanotwinned coherent interfaces have been observed in (111) textured Cu/Ni multilayer films[@b13]. Similar twin structures have also been detected in Cu/Ni multilayer films[@b2]. However, the strengthening and hardening mechanisms of such nano-multilayer films remain unclear, mainly because one of the key potential factors, the nanotwinned interface, is rarely known despite of its critical importance in affecting the mechanical properties of the films.

In recent years, much effort has been made to probe the effects of nanotwinned boundary on mechanical behaviors of nano-multilayer films. Li *et al*. performed a large-scale molecular dynamics (MD) simulation of uniaxial tension of nanotwinned polycrystalline Cu[@b14], and suggested a dislocation-nucleation-controlled softening mechanism in nanotwinned metals, i.e. when the twin thickness is below a threshold value, the nucleation of dislocation may result in softening, governing the strength of a material. However, it is not clear if this kind of mechanism could be extended to Cu/Ni nanotwinned multilayer films. Zhu *et al*.[@b15] simulated the uniaxial tension of a Cu/Ni nanotwinned multilayer film, and concluded that hairpin-like dislocation gliding dominates its inelastic deformation if the twin thickness is large, but multiple jogged necklace-like dislocations become dominant in the film with thin twin lamellae. Although the two kinds of views are different[@b14][@b15], they both highlighted the importance of the reaction between partial dislocations and twin boundaries.

Shao *et al*. investigated the strengthening effects of semi-coherent interfaces[@b7] and coherent interfaces[@b16] in Cu/Ni multilayer films with MD simulations. Zhao *et al*.[@b17] studied the effects of misfit dislocation network and modulation period on the hardness of Ag/Ni multilayer films. These studies help us to gain insights into the effects of interface on the strengthening of multilayer films; nevertheless, the softening mechanism and the effect of modulation period on hardness of Cu/Ni multilayer films can hardly be found in the literature. Recently, some simulations have been performed on the nanoindentation of Cu/Ni multilayer films with cylindrical indenters, revealing that the nanotwinned interface may improve the hardness of the multilayer films[@b18], but the effect of twin thickness, especially the softening effect at small twin thickness requires an in-depth investigation. On the other hand, a cylindrical indenter was used to conduct nanoindentation with a two dimensional (2D) specimen in the previous work, in which the in-plane dislocation reaction may be ignored and the evolution of defects mat be constrained. Therefore, a realistic three dimensional indentation is needed. Nanoindentaion simulation with a sharp, conical or pyramidal indenter involves very complex problems. For example, stress--strain relationships may not be uniquely determined with the loading and unloading curves alone if a conical or pyramidal indenter is used, because of its geometric self-similarity[@b19]. Therefore, the simplest spherical indenter has widely been used to perform nanoindentation in MD simulations[@b20][@b21].

In this article, we performed MD simulations of nanoindentation on Cu/Ni nanotwinned multilayer films with various twin thicknesses using a spherical indenter, aimed to investigate the reaction between the activated dislocations and nanotwinned interfaces under three-dimensional stress states. Moreover, the effects of twin thickness on the strengthening and hardening of the Cu/Ni multilayer films were also analyzed in detail.

Methods
=======

The embedded atom method (EAM) potential developed by Daw and Baskes[@b22][@b23] was chosen to describe the force between the atoms in the multilayer films, involving Cu-Cu, Ni-Ni and Cu-Ni interatomic potentials. The parameters for the potentials were given by Zhou and Wadley[@b24], which had been validated to be able to reproduce the physical properties of Cu-Ni system[@b25]. The Morse potential[@b26], which had widely been used to solve surface contact problems[@b27][@b28], was adopted to compute the interaction between the atoms in the indenter and multilayer film (C-Ni and C-Cu potentials), and the parameters involved were taken from the works by Chang *et al*.[@b29] and Imran *et al*.[@b30]. Compared with the deformation in metallic multilayer films, the deformation of the indenter could be ignored, i.e. the indenter was assumed rigid[@b31]. The motion of all the atoms in the indenter was neglected to reduce computation time[@b32].

Since the FCC metallic multilayer films are frequently found to grow mainly along \<111\> orientations[@b13][@b33], we took the {111} plane as the indentation surface. We introduced nanotwinned interfaces into the multilayer films, and let the *X, Y* and *Z* axes correspond to lattice orientations of \[112\], and for Cu layers, and of , and for Ni layers. [Figure 1](#f1){ref-type="fig"} showed an initial configuration of the Cu/Ni multilayer films on the *X-Z* plane of different twin thickness. The lattice constant of single Cu (*a*~Cu~) at 0 K was 3.615 Å and that of Ni (*a*~Ni~) was 3.520 Å, hence, the lattice misfit between Ni and Cu was \~2.7%. To build the samples with coherent twin interface, an average lattice constant, *a*~*E*~ = (*a*~Cu~ + *a*~Ni~)/2, was set as the lattice constant of Cu and Ni to arrange atoms. Hence, ε~*xx*~ = ε~*yy*~ = (*a*~*E*~---*a*~Cu~)/*a*~Cu~ = −0.0131(ε) were imposed upon the Cu, layers, and ε~*xx*~ = ε~*yy*~ = (*a*~E~---*a*~Ni~)/*a*~Ni~ = 0.0134 were imposed upon the Ni layers to accommodate the misfit lattice. The *X* and *Y* lengths of the samples were (27 \<112\> *a*~*E*~ or 235.94 Å) and (45 \<110\> *a*~*E*~ or 227.03 Å), respectively. For the initial configuration, the thickness of Cu and Ni layers was the same, i.e. the modulation ratio was 1. Since the twin thickness (*λ*) was defined as the spacing between two adjacent twin boundaries, the thickness of a single Cu (or Ni) layer was also twin thickness. The height of the samples (Z direction) was (40 \<111\> *a*~*E*~ or 247.16 Å). To make sure that the samples possess the same atoms of Cu and Ni, the equation, (*λ*~Cu~ + *λ*~Ni~) × *n* = l~z~ = , should be satisfied. Because *λ*~Cu~ = *λ*~Ni~ and *n* is an integer, the twin thickness (*λ*~Cu~ = *λ*~Ni~) can be set as (12.36 Å), (24.72 Å), (30.91 Å) and (61.80 Å), corresponding to *n* = 10, 5, 4, 2, respectively. [Figure 1](#f1){ref-type="fig"} shows the four samples labeled with A, B, C and D, corresponding to different thicknesses of ,, and , respectively. Each sample contains 1,166,400 atoms.

[Figure 2](#f2){ref-type="fig"} showed an initial configuration of Sample C for the nanoindentation. During the indentation, the atoms in the three layers at the bottom were fixed preventing substrate from shifting. These atoms served as the boundary atoms. The rest atoms were fixed at a constant temperature by the Langevin thermostat[@b34] as thermostat atoms. The motion of the thermostat atoms followed the classical Newton's second law, and hence these atoms were called Newtonian atoms. The conjugate gradient (CG) algorithm was used for energy minimization. To better understand the reaction between interface and deformation induced defect, in the case of low temperature at which the effect of the random vibration of atoms can be ignored, simulations of indentation were performed at 10 K. Periodic boundary condition was imposed in both X and Y directions. Before indentation, each sample was relaxed at 10 K for 20 ps to reach a thermal equilibrium state. Based on the explorations about indenter size[@b35][@b36][@b37] and indentation speed[@b35][@b36][@b38][@b39], a spherical diamond indenter with a diameter of 80 Å was used and the indentation speed was 50 m/s. The maximum indentation depth was 32 Å, smaller than the radius of the indenter and close to the twin thickness of Sample C.

The dislocation extraction algorithm (DXA) was used to analyze local disorder. It could not only divide the atoms into different types of local structures (FCC, BCC, HCP, etc.), but also identify all dislocations in FCC crystal, determine their Burgers vectors, and output lines that represent dislocations[@b40]. The colors of an atom represented the local lattice structure of the atom and were assigned as: green for FCC, red for HCP, and white for "other" local crystal structures. A single red layer of atoms indicated a twin boundary (TB), while two adjacent red layer atoms represented a stacking fault (SF). The open software OVITO[@b41] was used to color the atoms with different local lattice structures.

Results and Discussion
======================

Deformation mechanism of the Cu/Ni multilayer films
---------------------------------------------------

Before performing the nanoindentation on a Cu/Ni multilayer film, we demonstrated the validity of the potential and the nanoindentation model by comparing the fundamental physical properties predicted with MD simulation with that obtained with first principles calculation/experiment ([Tables S1 and S2](#S1){ref-type="supplementary-material"} in [Supplementary Materials](#S1){ref-type="supplementary-material"}), and comparing the simulation result of the indentations on pure Cu and Ni films with the result by Hertz solution ([Figure S1](#S1){ref-type="supplementary-material"} in [Supplementary Materials](#S1){ref-type="supplementary-material"}). From [Tables S1 and S2](#S1){ref-type="supplementary-material"} in [Supplementary Materials](#S1){ref-type="supplementary-material"}, we can see that these potentials can be used in the simulations for Cu-Ni systems. By comparing the indentation force-depth (*P*-*h*) curve obtained with MD simulation with that with Hertz theory, we can find that they matches each other with an acceptable error ([Figure S3](#S1){ref-type="supplementary-material"} in [Supplementary Materials](#S1){ref-type="supplementary-material"}), especially, the *P*-*h* curves obtained using an perfectly smooth sphere realized by a repulsive potential well matches the Hertz theory ([Figure S3](#S1){ref-type="supplementary-material"} in [Supplementary Materials](#S1){ref-type="supplementary-material"}). We also performed the nanoindentation simulations on Cu and Ni films with different indentation speeds, and found that the fitted "reduced modulus", *E*, of the Hertz theory decreases with the decrease of indentation speed, and the *E* obtained at indentation speed of 1 m/s matched the theoretical solution better than that at larger indentation speeds[@b20] ([Figure S3](#S1){ref-type="supplementary-material"} in [Supplementary Materials](#S1){ref-type="supplementary-material"}). The depths at the first peaks of the *P-h* curves corresponding to different indentation speeds for Cu or Ni were very close to each other, indicating that that the effects of the speed range (*v* = 1 m/s to *v* = 50 m/s) are insufficient for the study of the deformation mechanisms of the films under nanoindentation. However, lower indentation velocity will spend much more computational time than higher indentation velocity. For example, it would spend fifty times computational time with 1 m/s than that with 50 m/s. Therefore, considering the computational efficiency and the limitation of computational capability, the indentation velocities range from 10 m/s to 100 m/s were commonly chosen to perform MD simulations[@b35][@b36][@b38][@b39]. Therefore, the indentation velocity of 50 m/s was selected to carry out MD simulations in this work.

The sample C is chosen to investigate the reaction between dislocations and nanotwinned interface, in which the twin thickness is close to the maximum indentation depth. [Figure 3](#f3){ref-type="fig"} shows the *P-h* curve, where there are many drops or fluctuations, corresponding to different plastic deformation mechanisms. To clarify the deformation mechanisms, we present in [Fig. 4(a--f)](#f4){ref-type="fig"} the microstructures at characteristic points α, β, γ, η, φ and θ in the *P*-*h* curve. The atoms in the figure identified as FCC and "other" lattice structure as well as the indenter atoms have been removed for clarity. At Point α ([Fig. 3](#f3){ref-type="fig"}), some slight fluctuations can be observed. These fluctuations are not apparent compared with that caused by the reaction between dislocation and twin interface. To observe these fluctuations more clearly, the local *P-h* curve at Point α is amplified and shown in [Figure S4(a)](#S1){ref-type="supplementary-material"} in [Supplementary Materials](#S1){ref-type="supplementary-material"}. Accordingly, it can be seen in [Fig. 4(a)](#f4){ref-type="fig"} that some Shockley partial dislocations (SPDs) nucleate (the green lines represent Shockley partial dislocation lines (SPDLs)) and extend, forming inclined stacking faults (SFs). Therefore, Point α can be regarded as the transition point from elastic to plastic deformation, which coincides with the simulation results by Lilleodden, *et al*.[@b42] and Lee, *et al*.[@b43]. At Point β when *h* = 6.25 Å, one can still note some slight fluctuations in the *P-h* curve, indicating nucleation of new SPDs, and the amplified local *P*-*h* curve near Point β is shown in [Figure S4(b)](#S1){ref-type="supplementary-material"}. Li *et al*. proposed that dislocation nucleation results in softening of polycrystalline materials[@b14], which has also been found in Cu/Ni nanotwinned multilayer films under indentation with a cylindrical indenter[@b18]. In [Fig. 3](#f3){ref-type="fig"}, the *P-h* curve exhibits a persistent ascending tendency with no distinct drop between Points α and β, as was also seen in the indentation of Ag/Ni multilayer films with a spherical indenter[@b17], indicating that the softening induced by partial dislocation nucleation is insignificant. [Figure 4(b)](#f4){ref-type="fig"} shows the microstructure of the sample at Point β, where more SPDs nucleate, some of which even propagate to the first interface (or the first twin boundary (TB)). [Figure 5(a)](#f5){ref-type="fig"} shows the bottom view of the first TB, where one can see that, (1) the surface keeps flat without distinct convexities, and (2) some atoms are indentified as "other" structure ([Fig. 5(a)](#f5){ref-type="fig"}). After removing the atoms in "other" structure, three segments of SPDLs appear, implying no reaction between the SPDs and TB. These atoms can be ascribed to the change of the surrounding environment of TB atoms with SPDs adjoining to the TB. It should be noted that all the SPDLs here are on the inclined slip plane rather than on the plane parallel with the TB ([Fig. 4](#f4){ref-type="fig"}(b)).

By comparing the microstructure at Point γ ([Fig. 4(c)](#f4){ref-type="fig"}) with Point β ([Fig. 4(b)](#f4){ref-type="fig"}), one can find that: (1) some new SPDs nucleate forming inclined slips; (2) some TB atoms surrounded by three semicircular dislocation lines (DLs) move downwards, forming twinning partial slips. [Figure 5(b)](#f5){ref-type="fig"} shows the bottom view of the TB in [Fig. 4(c)](#f4){ref-type="fig"}, where it can be seen that the three semicircular dislocation lines consist of several segments of 1/6 \<112\> SPDs and 1/6 \<110\> stair-rod dislocation lines (SDLs). The presence of SDLs indicates either nucleation of new dislocations from TB or reaction between dislocations and TB. The detailed discussion on the reaction process to form step or stair-rod dislocations can be found in our previous work[@b18] or the theoretical derivation by Zhu, *et al*.[@b44]. The segment between Points β and γ is almost horizontal ([Fig. 3](#f3){ref-type="fig"}), implying the softening of the material. This distinct softening should mainly be ascribed to the formation of twinning partial slips[@b45].

The indentation force *P* ascends with the increase of *h* due to the increase of the contact area even if no softening or strengthening is considered. To better analyze these effects, the hardness *H*, which is defined as the ratio of *P* to the projected contact area *S*[@b46], i.e. *H* = *P*/*S*, can eliminate the effect due to the increase of area, where *S = π*(2*R*-*h*~*c*~)*h*~*c*~[@b47], with *R* and *h*~*c*~ the indenter radius and contact depth, respectively. Since the indenter surface is unsmooth and extraction of contact depth is difficult, the projected contact area is usually calculated with *S = π*(2*R*-*h*)*h*[@b47][@b48] in plastic deformation region, as was mentioned by Li *et al*., that "small differences in the resulting hardness is expected but it would not be large enough to change the general picture and conclusion of this work"[@b48]. The *H-h* curve after elastic deformation is also shown in [Fig. 3](#f3){ref-type="fig"}, where softening can be further confirmed in the part between Points β and γ.

At the stage between Points γ and η, both *P-h* and *H-h* curves ascend with the increase of *h*, implying that some other mechanisms may play a role apart from the softening effect. The main microstructural changes in this stage are that, (1) horizontal TPSs extend, indicating the existence of softening; and (2) some slip planes inclined to TB and the Burgers vector **b** parallel with TB form, resulting in the slips of dislocations confined within a single layer (we call it confined-layer slip, CLS)[@b45]. It can be seen in [Fig. 3](#f3){ref-type="fig"} that the slope of L~2~ is larger than that of L~1~, which is attributed to the CLS induced strengthening effect. A new reaction between dislocation and TB occurs (see the dashed-line ellipse in [Fig. 4(d)](#f4){ref-type="fig"}) and the TPSs extend, imposing subsequent softening and thus resulting in a low slope of L~3~ and hardness reduction. With the further increase of *h*, partial dislocations nucleate and then CLSs develop, enhancing the CLS strengthening, which account for the larger slope of L~4~ compared with that of L~3~ and the increase of hardness. [Figure 4(e)](#f4){ref-type="fig"} shows the microstructure at Point φ ([Fig. 3](#f3){ref-type="fig"}), where many partial dislocations (PDs) nucleate and move, forming inclined slips. Most of them have the Burgers vector **b** that is paralleled with TB. The corresponding bottom view of the TB at Point φ is shown in [Fig. 5(d)](#f5){ref-type="fig"}, where the three semicircular DLs further expand and some new DLs appear, demonstrating the extension of the TPSs resulting from the reaction between PDs and TB, as was also confirmed by the terrace shown in [Fig. 4(e)](#f4){ref-type="fig"}. In the range of 15 Å \< *h* \< 19.75 Å, many fluctuations can be observed in the *P-h* curve due to the competition between softening and CLS strengthening. It can be seen in the ellipse in [Fig. 4(e)](#f4){ref-type="fig"} that a PD crosses the TB. Before *h* = 25.85 Å (Point θ), the number of inclined slips that cross the TB increases slowly and only few ones contact the next TB ([Fig. 4(f)](#f4){ref-type="fig"}), indicating that the CLS strengthening prevails when competed with softening. A drop appears after Point θ, which is attributed to the reaction between PD and TB and the formation of TPSs, which contributes to softening.

Effects of twin thickness
-------------------------

The TPS softening mechanism and the confined layer slip strengthening mechanism have been preliminarily discussed in the previous section by analyzing the simulation result for Sample C. To further explore the effect of twin thickness on hardness, we also conducted MD simulations of indentation on Samples A, B and D. [Figure 6](#f6){ref-type="fig"} shows the *P-h* curves, which can be divided in general into Parts I, II, III, IV, V and VI. Before *h* = 2.45 Å, the four curves well match each other because of the insignificant effects of twin boundary on elastic response. With the increase of *h*, a slight plateau first appears in the *P-h* curve of Sample A, implying softening. [Figure 7(a)](#f7){ref-type="fig"} shows the microstructure of sample A at Point a (*h* = 2.65 Å), in which it can be seen that the reaction between dislocations and TB occurs and TPSs form. In Part III, the softening due to TPSs dominates the deformation of Samples B and C, resulting in a low part in the *P-h* curves of the two samples. However, the difference in these two cases is not obvious since the twin thickness of Sample B is close to that of Sample C.

[Figure 7(b)](#f7){ref-type="fig"} shows the microstructure of Sample B at *h* = 5.35 Å (Point b in [Fig. 6](#f6){ref-type="fig"}), where one can note the formation of TPSs, accounting for softening. In Part IV, the *P-h* curve of Sample D becomes the lowest among the four. The microstructure for Sample D at *h* = 13.50 Å (Point c in [Fig. 6](#f6){ref-type="fig"}) is shown in [Fig. 7(c)](#f7){ref-type="fig"}, where it can be seen that the partial dislocations do not contact TB, and the TPSs are not found, implying that in this case TPSs are not the main cause of softening. However, some horizontal partial slips can be found in [Fig. 7(c)](#f7){ref-type="fig"}, which are characterized as TPSs, of which both the slip plane and Burgers vector **b** are parallel with TB. The softening can thus be ascribed to these partial slips that are parallel with twin boundary (PSPTB). With the increase of *h*, the softening continues due to the movement of the PSPTBs and TPSs until Point d is reached. The confined layer slips are also observed ([Fig. 7(d)](#f7){ref-type="fig"}) and the competition between softening and strengthening should be taken into account. In Part V, it becomes considerable, resulting in slight difference between the four curves. On the other hand, the role of new nucleation of PDs and the cross reaction between PDs in the layer should be insignificant. [Figure 8](#f8){ref-type="fig"} shows microstructures of different samples at *h* = 24.25 Å (Point e in [Fig. 6](#f6){ref-type="fig"}), in which all the main kinds of slips can be found. After Point e, the difference between the four curves becomes obvious, implying different deformation mechanisms related to different twin thicknesses.

To further explore the effects of twin thickness, we calculated the hardness *H*. It can be seen that after Point e, all the main kinds of slips emerge in each sample ([Fig. 8](#f8){ref-type="fig"}) and both strengthening and softening contribute to the property of each sample. The *H-h* curves for the four samples in Part VI are shown in [Fig. 9(a)](#f9){ref-type="fig"}. It should be noted that the simulated hardness is larger than the experimental one[@b2], because (1) the time scale used in simulation differs from that used in experiment, resulting in a much larger indentation speed than that in experiment, (2) in-plane polycrystalline configuration is not considered in simulation, and (3) the temperature in simulation (10 K) is much lower than that in experiment. Despite of these differences, our simulated hardness is close to the simulated results by others[@b49]. One can find that Samples B and C have larger hardness than Samples A and D. For detailed analysis, the mean of hardness of the four samples with error bars are shown in [Fig. 9(b)](#f9){ref-type="fig"}, where it can be seen that the hardness of Samples B (*λ* = ) and C (*λ* = ) is much larger, while it decreases if either *λ* \<  or *λ* \> . The twin thickness corresponding to maximum hardness should be  \< *λ* \< , which agrees well with the experimental results[@b13][@b50]. For the validity of the results, two additional samples are prepared for the nanoindentation simulations. However, it is difficult to build two more different samples with identical overall size but the layer thickness is different from the ones that have been used. Hence, the thicknesses of the one or two bottom layers that are far away from the loaded layer are different from that of the upper layers, and the initial configurations of the two additional samples viewed on the X-Z plane are presented in [Figure S5 in Supplementary Materials](#S1){ref-type="supplementary-material"}. The mean hardness at the depth range from 24.25 Å to 31 Å of these two additional samples with error bars are also calculated and shown in [Fig. 9(b)](#f9){ref-type="fig"}, where the six points are fitted with a spline. It can be seen that the maximum hardness appears in the range of twin thickness, *λ* (\~25 Å \< *λ* \< \~31 Å). The hardness decreases with both the increase and decrease of *λ*, which is similar to the Hall-Petch and inverse Hall-Petch relation. Conventional Hall-Petch[@b51] and inverse Hall-Petch relations[@b52] describe the relation between the strength of a material and its grain size, but in this work, we used the Hall-Petch and inverse Hall-Petch relations for the relationship between the strength of a multilayer and its twin thickness. Therefore, some certain relationship may exist between the Hall-Petch-like/inverse Hall-Petch-like effect and the twin layer/thickness in multilayer films.

Making use of the result given in [Fig. 9(b)](#f9){ref-type="fig"}, we can simply evaluate the hardness of the multilayer films with

in which *H*~strenghten~ and *H*~soften~ correspond to the contributions from strengthening and softening effects, respectively. *H*~0~ represents the hardness without taking into account the strengthening and softening effects. In this work, strengthening is mainly related to confined layer slip effect (or dislocation blocking at interface) *H*~CLS~, while softening effect is mainly related to twinning partial slip *H*~TPS~, partial slip parallel with twin boundary *H*~PSPTB~, and nucleation of dislocation softening effect *H*~NDSF~. Thus, one can obtain

As was discussed in Subsection 3.1, *H*~NDSF~ can be ignored and *H*~CLS~ decreases with the increase of twin thickness[@b53], i.e. *H*~CLS~ (Sample A) \> *H*~CLS~ (Sample B) \> *H*~CLS~ (Sample C) \> *H*~CLS~ (Sample D). For Sample A, PSPTBs cannot form due to small twin thickness, i.e. *H*~PSPTB~ = 0. However, the TBs participating in the reaction are the primary ones with the same depths. It is known that more TBs may give rise to the more reaction between dislocation and TBs, resulting in the increase of TPSs. The softening induced by the TPSs plays a dominant role in the hardness of sample A.

The twin thickness of Sample B is small and PSPTB can hardly form, i.e. *H*~PSPTB~ = 0. Meanwhile, the number of TBs in Sample B is half of that in Sample A, so that softening is reduced obviously. Incorporating *H*~CLS~, *H*~CLS~-*H*~TPS~ may reach the largest. It can be seen in [Fig. 8(b,c)](#f8){ref-type="fig"} that almost all the slips are confined within the top layer of Samples B and C. *H*~CLS~ of Sample B is comparable with that of Sample C. It can be seen in the solid-line ellipse in [Fig. 4(d)](#f4){ref-type="fig"} that few PSPTBs appear and therefore *H*~PSPTB~ is nonzero. However, the effect of *H*~TPS~ decreases and the two effects counteract. The hardness of Sample C is thus comparable to that of Sample B. The twin thickness of Sample D is large and therefore *H*~CLS~ should be the smallest. Meanwhile, although *H*~TPS~ decreases with the increase of twin thickness, there are PSPTBs ([Fig. 8(d)](#f8){ref-type="fig"}) and the combination of the two factors accounts for the lowest hardness of Sample D.

To guarantee the validity of the results, additional nanoindentation simulations are performed on the four samples (A, B, C and D) with a larger indenter of 50 Å in radius and a lower indentation speed of 10 m/s, and the similar result have been obtained. Related simulation results are shown in Figures S6--S9 of [Supplementary Materials](#S1){ref-type="supplementary-material"}.

Conclusions
===========

We have performed MD simulations of indentation on Cu/Ni nanotwinned multilayer films with a spherical indenter, aimed to investigate the effects of the nanotwinned interface and the twin thickness on hardness. We find that the TPS and PSPTB can lower the hardness, which shall not be ignored in evaluating mechanical property on nanoscale. It is also found that there is a critical range for twin thickness, within which hardness reaches maximum or otherwise it is reduced. For small twin thickness, the TPS forms due to the reaction between the partial dislocations and twin boundary, which corresponds to softening mechanism. The combination of limited strengthening due to confined layer slips and enhanced softening due to the TPS and PSPTB can result in a smaller hardness at a larger twin thickness. These findings help to understand the strengthening and softening effects of nanotwinned multilayer films, which may have implications for some important phenomena, such as Hall-Petch effect and inverse Hall-Petch effect, despite of the strong dislocation blocking strengthening.
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![Initial configurations of the samples viewed on the X-Z plane with different twin thichness: (**a**) (12.36 Å), (**b**) (24.72 Å), (**c**) (30.91 Å) and (**d**) (61.80 Å). Red and blue balls represent Cu and Ni atoms, respectively.](srep35665-f1){#f1}

![Schematics of the indentation model.\
Red, blue and grey balls represent Cu, Ni and C atoms, respectively.](srep35665-f2){#f2}

![*P-h* and *H-h* curves for the Sample C with indenter size of 40 Å in radius.](srep35665-f3){#f3}

![Microstructural evolution of the Sample C as a function of *h*.\
(**a**) *h* = 2.20 Å, (**b**) *h* = 6.25 Å, (**c**) *h* = 7.95 Å, (**d**) *h* = 10.60 Å, (**e**) *h* = 19.75 Å, and (**f**) *h* = 25.85 Å.](srep35665-f4){#f4}

![Bottom view of the first TB.\
The atoms in local HCP lattice structure are colored. Green and pink lines represent the 1/6 \<112\> Shockley partial dislocation lines (SPDLs) and 1/6 \<110\> stair-rod dislocation lines (SDLs), respectively. The twinning partial slips (TPSs) are surrounded by dislocation lines.](srep35665-f5){#f5}

![*P-h* curves of the samples with various twin thicknesses with indenter size of 40 Å in radius.](srep35665-f6){#f6}

![Microstructures of the samples at different *h*.\
(**a**) Sample A at *h* = 2.65 Å; (**b**) Sample B at *h* = 5.35 Å; (**c**) Sample D at *h* = 13.50 Å; (**d**) Sample D at *h* = 19.55 Å.](srep35665-f7){#f7}

![Microstructures of different samples at *h* = 24.25 Å.\
(**a**) Sample A, (**b**) Sample B, (**c**) Sample C, and (**d**) Sample D.](srep35665-f8){#f8}

![Variation of harness against *h* and *λ* for the samples with indenter size of 40 Å in radius: (**a**) *H-h* and (**b**) *H-λ* curve.](srep35665-f9){#f9}
